The influences of deformation temperature and strain rate on the serrated flow behavior of a Fe17Mn0.3C alloy with a low stacking fault energy were investigated by the tensile tests in a temperature range of 273 to 523 K. Three regions were found when the deformation temperature was plotted against the critical strains for the onset of serrations. The critical strain decreased in the region of 273 to 323 K, increased in that of 323 to 423 K, and decreased again in that of 423 to 523 K with increasing temperature. The first two regions are well known. However, the third region corresponding to that of high temperature has not been reported, and this region could be interpreted by separately considering the interactions of solute atoms with leading and trailing partials. Since the velocity of the leading partials is assumed to be significantly higher than that of the trailing partials, the critical strains in the first and third regions were concluded to result from trapping the trailing partials and the leading partials, respectively.
Introduction
Serrations are observed on the stressstrain curves of FCC metals when ¡B-martensitic transformation (FCC ¼ BCC or BCT), 1) dynamic precipitation, 2) deformation twinning, 3, 4) and dynamic strain aging 57) occur. The dynamic strain aging is a dominant factor for serrations in polycrystalline FeMn C austenitic steels at around room temperature. 5, 7, 8) The dynamic strain aging is caused by an interaction between solute atoms and moving dislocations. The possible types of interacted solute atoms in FCC metals are (1) interstitial atoms, 9) (2) substitutional atoms, 10) and (3) interstitial atom-substitutional atom couples. 5, 11) The dynamic strain aging in FeMnC steels has been reported to be attributed to the interaction between moving dislocations and MnC couples. 5, 11) The dynamic strain aging behavior has been discussed using the diffusion speed of solute atoms and the dislocation velocity. 5, 6, 8, 12) The diffusion speed of interstitial atoms depends on the type of solute atoms and deformation temperature, and the dislocation velocity depends on the strain rate, dislocation density, tensile direction, and the Burgers vector. On discussions of dynamic strain aging in FCC metals, the Burgers vector is implicitly assumed to be a=2h110i, irrespective of stacking fault energy. However, due to the low stacking fault energy, the dislocations in FeMnC steels are separated into leading and trailing partial dislocations which have different Burgers vectors of a=6h112i. For example, the Burgers vector of trailing partials is a=6½2 11 or a=6½ 121 when the Burgers vector of leading partials is a/6 [112] . It means that the resolved shear stresses on the partials are different, indicating that the effects of the tensile direction on the motions of leading and trailing partials are significantly different. 1315) Additionally, note that the motion of trailing partials is completely different from those of perfect and leading partial dislocations. Since trailing partials accompany motion of leading partials, the preferential slip system of trailing partials is not simply determined by Schmid factors of the trailing partials, but is also affected by the Schmid factors of the corresponding leading partials. In spite of these significant differences among the motions of perfect, leading partial and trailing partial dislocations, the effect of the separation of dislocations has not been considered for discussing the dynamic strain aging behavior in low stacking fault energy materials so far.
In order to discuss and correlate the effect of the dislocation separation with experimental facts, we selected a Fe17Mn0.3C alloy (mass%) as an austenitic steel with low stacking fault energy. The temperature and strain rate dependence of dynamic strain aging behavior was investigated. We found that the deformation temperature and the critical strain for the onset of serrations could not be expressed as a simple relationship, i.e., the critical strain decreased in the relatively-low temperature region increased in the middle range temperature region, and decreased again in the relatively-high temperature region with increasing deformation temperature. The characteristic dynamic strain aging behavior may have been caused by the separation of dislocations. This paper is intended to share the importance of the dislocation separation and its experimental facts in dynamic strain aging of low stacking fault energy materials.
Experimental

Material
A Fe17Mn0.3C alloy was prepared by vacuum induction melting. The results of chemical analyses are shown in Table 1 . The specimens were solution treated at 1273 K for 3.6 ks followed by water quenching after hot forging and rolling at 1273 K. Then they were cut by electric spark machining. Figure 1 shows a rolling direction (RD)-inverse 
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pole figure (IPF) map showing a microstructure after the solution treatment. The observed surface was mechanically and electrolytically polished at 273 K. The RD-IPF map shows no significant texture and the average grain size of 54 µm without annealing twin boundaries. The black parts in Fig. 1 indicate thermally-induced ¾-martensite.
We previously investigated the deformation mode in Fe 17MnxSi0.3C (x = 0, 2, 4, 6) alloys. The alloys showed ¾-martensitic transformation, slip deformation, and serrations associated with the dynamic strain aging.
16) The ¾-martensitic transformation was suppressed as Si content was decreased, and the slip deformation markedly occurred in the alloys with relatively-low Si content of 0 and 2%.
Additionally, the stacking fault energy of the Fe17Mn 0.3C (x = 0) alloy was calculated using Dumay's calculation 17) as shown in Fig. 2 . The stacking fault energy from 273 to 523 K was 448 mJ/m 2 . It is the low stacking fault energy range showing ¾-martensitic transformation or deformation twinning, according to the results of Remy and Pineau, 18) indicating that the slip deformation was caused by extended dislocation glide in this alloy. The dominant deformation mode was confirmed by a surface relief analysis using atomic force microscopy (AFM) 19) after mechanical polishing, electrolytic polishing at 277 K, and followed by 2.1% tensile deformation at 294 K with a strain rate of 1.7 © 10 ¹4 s ¹1 . Figures 3(a) and 3(b) show an AFM micrograph and the corresponding cross-sectional profile, respectively. The horizontal direction corresponds to the tensile direction. The crystal orientations of ½ 9 410 and ½41 4 in a grain surrounded by a black line in Fig. 3(a) were obtained by the electron back scattering diffraction analysis for the normal and tensile directions, respectively. Figure 3(b) shows the corresponding cross-sectional profile to the black line in Fig. 3(a) . The relief angles of B and C corresponded to the theoretical relief angle for the tensile stress-induced ¾-martensitic transformation along ½12 1 direction (10.6°), while the relief angles of A and D are larger and not constant, indicating that relieves A and D were caused by slip deformation. 20) The occurrence of a slip deformation even in the tensile orientation of ½41 4 where the maximum Schmid factor for the shear of the ¾-martensitic transformation is 0.500 21) indicates that the dominant deformation mode is the slip deformation. Thus, the serrated flow behavior in the Fe17Mn0.3C alloy must be associated with a reaction between slip deformation of partial dislocations and solute atoms.
Tensile test condition
Specimens with a gauge dimension of 4 mm w © 1 mm t © 30 mm l were used for the tensile tests. The tensile tests were conducted along the RD at the initial strain rates at 2.8 © 10 ¹5 to 1.7 © 10 ¹3 s ¹1 and in temperature range from 273 to 523 K. In particular, we noticed the effect of deformation temperature on dynamic strain aging of the present alloy. Because we have to widely investigate the serrated flow behavior e.g. critical strain for the onset of serrations, in order to discuss the effect of dislocation separation on dynamic strain aging. A digit of the strain rate must be changed to obtain a significant difference in the critical strain for serration. In contrast, several tens of temperature difference can provide the significant variation of the critical strain for serrations. 22) Therefore, the change in deformation temperature easily provides various critical strains for the serrations compared with strain rate.
Since the temperatures from 273 to 523 K are in the low stacking fault range as shown in Fig. 2 , the present tensile tests were conducted at 273, 294, 323, 373, 423, 473, and 523 K. The testing temperatures from 273 to 523 K were obtained by a thermostatic chamber. The stressstrain curves were measured by pasting a strain gauge onto the specimen in the temperature range of 273 to 323 K, and installing an extensometer on the specimen from 373 to 523 K.
Results and Discussion
3.1 Change in critical strain for serrations against deformation temperature Figure 4 shows the stressstrain curves at a strain rate of 1.7 © 10 ¹4 s ¹1 for various deformation temperatures in the Fe17Mn0.3C alloy. Serrations were observed on all the stressstrain curves, indicating that the dynamic strain aging occurred. The critical strain for the onset of serrations ¾ c decreased at 273 to 323 K, increased at 323 to 423 K, and decreased again at 423 to 523 K with an increase in deformation temperature.
Nakada et al. reported the following equation to describe the serrated flow behavior in carbon containing FCC alloys.
where _ ¾ = strain rate, K, n, and m = empirical constants, C = carbon concentration, Q M = activation energy for the thermally activated process responsible for the serration, R = gas constant, T = deformation temperature, and ¾ c = critical strain for the onset of serration. The m value is obtained as a proportional constant of log ¾ c vs. log _ ¾. According to eq. (1), ln ¾ c changes proportionally against 1/T, and the proportional constant of ln ¾ c vs. 1/mRT provides the activation energy. Figure 5 shows the relationship between the ln ¾ c and 1/T. Our previous study 23) along with many other reports 59, 12, 24, 25) has indicated that the serrations in FeMnC austenitic steels stem from dynamic strain aging. The initiation of the dynamic strain aging in the temperature range of 273 to 523 K is associated with the diffusion of carbon atoms, since dynamic strain aging with substitutional atoms and dynamic precipitation requires a higher deformation temperature. For example, a significant diffusion of substitutional atoms for the dynamic strain aging are possible at temperatures above 723 K in FeCrNi 26, 27) and FeMnCrC alloys, 28) and dynamic precipitation occurred at 773 and 673 K in FeMn AlC 2) and Hadfield steels, 5) respectively. The ln ¾ c and 1/T should show a linear relationship, according to eq. (1). However, three regions denoted as regions A, B, and C appear instead in Fig. 5 . We will discuss and correlate the reason for the appearance of the three regions with variety of dislocation motions in the following sections.
Conventional approach to dynamic strain aging
In Fig. 5 , the serrations in region A can be expressed as a normal linear relationship between the 1/T and ln ¾ c and can be interpreted as an indication that the solute atoms pin mobile dislocations. Figure 6 shows the strain rate de- Table 2 . The activation energy is close to that of dynamic strain aging in the Fe30Mn1.0C alloy obtained by the same method. 6) This type of serrations disappears when the solute atoms start to follow moving dislocations.
An inverse relationship between ¾ c and deformation temperature was observed in region B. An increase in ¾ c with increasing deformation temperature is commonly observed in FCC metals such as Al alloys, 29, 30) Ni based superalloys, 31, 32) and Hadfield steel. 5) Charnock claimed 33) that the inverse relationship is caused by static aging and the deterioration of the atmosphere. The solute atoms are significantly mobile above a critical temperature where the inverse relationship occurs, providing a statically aged condition for mobile dislocations and the solute atoms follow the motion of dislocation at an initial deformation stage. The serrations start to occur when the moving dislocations leave the atmosphere with the strain. Since a population of aged dislocations increases with increasing temperature, the critical strain increases with increasing deformation temperature. Figure 8 shows a schematic for the mechanisms of the serrations in regions A and B.
In region C, ¾ c decreased again with increasing deformation temperature. The second decrease in ¾ c cannot be explained by the conventional theory of dynamic strain aging; however, it could be interpreted by considering the separation of dislocations. The effect of dislocation separation is discussed in the next section. 3.3 Effect of dislocation separation on dynamic strain aging The moving dislocations in high Mn steels are separated into leading and trailing partials due to the low stacking fault energy.
3436) The distance between the separated dislocations was reported to increase with increasing applied stress.
1315)
Byun 15) reported that the distance between the separated dislocations depending on crystal orientation increases from approx. 10 nm to more than 10 µm by applying a stress of about 300 MPa in a material with a stacking fault energy of 10 mJ/m 2 . The distance of >10 µm is significant compared with the present grain size as shown in Fig. 1 . Although attractive force acts between the separated dislocations, providing an interaction between the partial dislocation motions, the dislocation velocity of the leading partial must be different from that of the trailing partial in the transient stage from an initial state to an equilibrium state of the dislocation separation under a specific applied stress. In particular, the partial dislocation velocities show a maximum difference between them in the initial state of the dislocation motion, dominantly depending on crystal orientation. Hereafter, for the sake of simplicity, the discussion about partial dislocation velocities is based on the assumption that the mobile leading partial can move as a single dislocation at an initial stage of the dislocation motion, irrespective of motion of the corresponding trailing partial. Figure 9 shows variety of the motions of the moving dislocations in low stacking fault energy materials. When the resolved shear stress on the leading partials¸L is higher than that on the trailing partials¸T, the leading partials move more rapidly than the trailing partials, extending the distance between them 1315) as shown in Fig. 9(a) . When¸L and¸T are equal, the two dislocations maintain an equilibrium distance and are in a stable condition as in Fig. 9(b) . On the other hand, if¸T becomes higher than¸L, the trailing partials can not pass the leading partials since the movement of the trailing partials passing the leading partials produces an energetically-high stacking fault which is not naturally formed. Additionally, a repulsive force must act to suppress the motion of the trailing partials when the trailing partials approach the corresponding leading partials. A higher¸T causes shrinkage of the extended dislocations as shown in Fig. 9(c) , and the velocity of the trailing partial approaches that of the corresponding leading partial. Hence, the velocity of trailing partials is significantly limited, and most of the leading partials show higher velocities with a wider velocity range than those of the trailing partials depending on the resolved shear stresses as schematically shown in Fig. 10 . For example, the h144i tensile direction satisfies the condition of Fig. 9(a) , and the h001i tensile direction satisfies that of Fig. 9(c) , because the Schmid factors for the leading and trailing partials are 0.50 and 0.25 in the h144i direction and 0.24 and 0.47 in the h001i direction, respectively. Namely, the dislocations that are trapped first must be the trailing partials when the diffusion speed of solute atoms is significantly lower than the dislocation velocity.
The serrations appear on the macroscopic stressstrain response when the necessary frequency for the dynamic strain aging is achieved by increasing the deformation temperature or the plastic strain at a specific strain rate. In FCC alloys with low stacking fault energy, peaks for both the leading and trailing partials must exist in the plot of the relationship of the frequency against the diffusion speed of solute atoms as shown in Fig. 11 . Since the velocity of trailing partials is limited as explained in Fig. 10 , the frequency of trapping trailing partials in Fig. 11 has a higher and narrower peak than that of the leading partials. The two peaks in Fig. 11 must provide the corresponding regions for critical strain for the serrations. Assuming that the serrations in region A were mainly caused by the trapping of trailing partials, the serrations in region C would be caused by the trapping of leading partials. In region B which is the intermediate condition, the solute atoms start to follow the motion of trailing partials, while the leading partials leave the solute atoms and move freely in the initial stage of the plastic deformation. Thus, the mechanism for the inverse relationship between ¾ c and deformation temperature proposed by However, if we consider the influence of the separation of dislocations to leading and trailing partials, eq. (1) should be modified. Equation (1) is obtained from the following equations.
10,37)
where b pef = Burgers vector of perfect dislocations along the h110i direction, µ = mobile dislocation density, V pef = velocity of perfect dislocations, _ ¾ c = critical strain rate for the serrations, and V c = critical velocity of perfect dislocations. By assuming that the leading and trailing partials provide strains separately, eq. (2) can be modified as follows.
where b par = Burgers vector of partial dislocations along the h112i direction, V L = velocity of leading dislocations, and V T = velocity of trailing partials. The dislocation velocity depends on resolved shear stresses as follows. 38 )
where¸0 and ¡ = constants, and¸= resolved shear stress. Thus, ratio of velocities of leading and trailing partials is defined as
Equation (1) is modified to eq. (7) for dynamic strain aging of trailing partials using eqs. (4) and (6).
where K par = empirical constant for partial dislocations, and ¾ cT = critical strain for trapping trailing partials. ¾ cT is equal to ¾ c in eq. (1) when the diffusion speed of the solute atoms is lower than the velocity of trailing partials at an initial stage of plastic deformation. The leading partials are trapped when the strain achieves the critical strain described in the following equation.
where ¾ cL = critical strain for trapping leading partials. ¾ cL is equal to ¾ c in eq. (1) when the solute atoms follow the motion of trailing partials.
The ¡ values in various FCC metals are shown in Table 3 . Since Cu is a FCC metal with a relatively-low stacking fault energy like that of the present alloy, we assume that the ¡ of the Fe17Mn0.3C alloy is the same as that of Cu with a value of 2.0.¸L/¸T depends on tensile crystal orientation, and can be significant when the Schmid factor of leading partials is higher than that of the corresponding trailing partials. For example, the Schmid factors for the leading and trailing partials are 0.50 and 0.25, respectively, in the tensile direction of h144i, providing that¸L/¸T is equal to 2 and V L /V T in eq. (6) is 4. Thus, from eqs. (7), (8) and abovementioned assumptions, we can obtain
In the case of perfect dislocations, we do not have to consider the effect of the separation of dislocations, and the K par is replaced by an empirical constant for perfect dislocations K pef since the K par includes the b par in eq. (4). The constant value of K in eq. (1) depends linearly on the magnitude of the Burgers vector, indicating that K par =K pef ¼ 1= ffiffi ffi 3 p . Thus, assuming that ¡ is also 2.0 for perfect dislocations, the critical strain for trapping a perfect dislocation ¾ cP is defined as
The relationship among leading partials, trailing partials, and perfect dislocations on the temperature dependence of ln ¾ c is shown schematically in Fig. 12 . The values of m and ¡ are assumed to be 1.0 and 2.0, respectively, in the figure to simplify the schematic. Though we have discussed the dynamic strain aging of partials dislocations in the h144i tensile direction, the difference in the critical strain related to dislocation velocities of leading and trailing partials should exist more or less in the tensile crystal orientations of not just the h144i, but also the directions showing¸L >¸T. In summary, we showed the significant effect of the dislocation separation on dynamic strain aging, and succeeded in correlating the effect with the present experimental results of temperature dependence of critical strain for the serrations. According to our interpretation, regions A and C were produced by trapping the trailing and leading partials, respectively, and region B was caused by the deterioration of the atmosphere by the motions of trailing partials. Since the values of (¸L/¸T) ¡ in eqs. (7) and (8) the activation energies for each partial dislocation can be obtained using eqs. (7) and (8) .
Additionally, we must consider the effect of the stacking fault energy which acts as an attractive force between the leading and trailing partials. When the stacking fault energy is quite low, the influence of the stacking fault energy on the separation of dislocations caused by an external stress would be negligible in the initial stage of dislocation motion. On the other hand, if it is significantly high such as in pure Al or conditions at high temperature, the equations proposed here would not be applicable. Moreover, when we consider partial dislocation motion in the latter part of the transient stage from the initial to equilibrium states of the dislocation separation, the effect of stacking fault energy is absolutely required. To examine the effectiveness of the stacking fault energy, we must consider the stress distribution on each dislocation to obtain the quantitative resolved shear stress. An investigation of these factors on dynamic strain aging is necessary for carrying out further research in the future.
Conclusion
We investigated the deformation temperature and strain rate dependence of the serrated flow behavior in the Fe 17Mn0.3C alloy. The serrated flow behavior changed according to deformation temperature. The critical strain decreased in the low temperature region, increased in the middle temperature region, and decreased again in the high temperature region. The high temperature region was discovered in the present work. The presence of the three regions could be explained by considering the interactions of trailing partial-solute atoms and leading partial-solute atoms. The low temperature region and the high temperature region were produced by trapping the trailing partials and leading partials, respectively. 
